
Available online at www.sciencedirect.com
www.elsevier.com/locate/actamat

ScienceDirect

Acta Materialia 63 (2014) 216–231
The microstructure and mechanical behavior of Mg/Ti multilayers
as a function of individual layer thickness

Y.Y. Lu a, R. Kotoka b, J.P. Ligda c, B.B. Cao a, S.N. Yarmolenko b, B.E. Schuster c,
Q. Wei a,⇑

a Department of Mechanical Engineering, The University of North Carolina at Charlotte, Charlotte, NC 28223-0001, USA
b Department of Mechanical Engineering, NC A&T State University, Greensboro, NC 27411, USA
c WMRD, US Army Research Laboratory, Aberdeen Proving Ground, Aberdeen, MD 21005, USA

Received 19 June 2013; received in revised form 13 October 2013; accepted 15 October 2013
Available online 14 November 2013
Abstract

We have used magnetron sputtering to deposit magnesium and titanium layers alternately onto a single-crystal silicon substrate with
equal individual layer thickness (h, from 2.5 to 200 nm) to form multilayers. We have investigated the mechanical behavior of the multilayers
and its dependence on h. Transmission electron microscopy and X-ray diffraction analyses suggest that the multilayers exhibit strong texture
with respect to Mg (0002) and Ti (0002) with an epitaxial growth pattern. Two primary orientation relationships between Ti and Mg have
been identified, depending on h. Instrumented nanoindentation and microcompression have been used to examine the hardness/strength
and the strain rate sensitivity of the multilayers. Based on nanoindentation, we have found that the strength of these multilayers generally
increases as h is decreased. The microcompression measured strength is remarkably higher than that derived from indentation. The Hall–
Petch law can be used to interpret the increase in strength at relatively large h (>50 nm), while the confined layer slip model provides a better
explanation for the relationship between strength and h at smaller h. We have also attempted to present an in-depth discussion about the
applicability of relevant strengthening mechanisms on these hexagonal close-packed/hexagonal close-packed multilayers.
� 2013 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction

Metallic multilayers with individual layer thickness (h)
ranging from the submicron scale to the nanometer scale
are drawing ever-increasing attention from the materials
science community at large. One of the primary reasons
for this phenomenon lies in the motivation to exploit the
strength of metallic materials. The synthesis of strong sol-
ids for structural as well as functional applications has been
one of the ultimate goals of materials engineers [1,2].
Recent efforts have shown that metallic multilayers com-
posed of constituent metals, either with the same lattice
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type or with heterogeneous lattice types, can exhibit
impressive mechanical properties, especially high strength
[3–6]. Furthermore, for a binary system, the two metals
may be intermiscible (and even isomorphous, such as cop-
per and nickel) or immiscible at equilibrium. Metallic mul-
tilayers between crystalline metals and metallic glasses have
also been produced and investigated, with some novel
mechanisms identified [7]. Therefore, metallic multilayers
have opened a new and exciting arena to materials science
and engineering and mechanical engineering. Potential
applications include X-ray optics, hydrogen storage, wear
and thermal resistance coating, and microelectromechani-
cal systems (MEMS) [8–11].

The combination of two or more components with
fine-tuned lamellar arrangement can now be fulfilled and
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accurately controlled by various physical deposition tech-
niques. So far, a number of studies have been reported
about the microstructure and mechanical behavior of mul-
tilayered composites consisting of face-centered cubic (fcc)
and body-centered cubic (bcc) structures, including Cu/Nb
(fcc/bcc), Cu/Ni (fcc/fcc), Cu/Cr (fcc/bcc), Cu/Ag (fcc/fcc),
Al/Nb (fcc/bcc), Cu/V (fcc/bcc), Ag/Ni (fcc/fcc) and Cu/
Au (fcc/fcc) [12–22]. Their dependence of strength on the
individual layer thickness h has been investigated through
both experiments and atomistic simulations. Three defor-
mation mechanisms have been identified operating within
various regimes of h [23–27]. When h is large enough, usu-
ally about a few hundreds of nanometers, the Hall–Petch
law, which is attributed to dislocation pile-ups at layer
interfaces, plays a dominant role. The yield strength
increases with decreasing h, following r � h�0.5. As h

decreases to several tens of nanometers or even less, there
are insufficient dislocations for the pile-up model to operate
because now the spacing between adjacent layers is too
small [28]. At this level of h, bowing out of single disloca-
tions and their glide within the layers are proposed to
account for the slower increase rate of strength with
decreasing h. In other words, in this regime, the conven-
tional Hall–Petch law levels off. This mechanism has been
dubbed the confined layer slip (CLS) model and has been
widely accepted in the community, even though it has been
modified by various investigators so as to remedy the defi-
ciency of the Hall–Petch law in explanation for the strength
evolution in multilayered metallic composites [29]. The
subsequent transmission of dislocations across the layer
interface leads to a peak strength associated with the com-
monly observed strength plateau when h is below a critical
value. In this case, the interface barrier strength (IBS)
becomes a critical parameter, and calculations of IBS gen-
erally involve finding the coherency stress related to the
mismatch strain from the difference in lattice parameters
and the image stress due to the discrepancy of shear mod-
ulus between the constituents [5,30,31].

A quick literature survey shows that most of the efforts
on the syntheses and characterizations of multilayered
metallic composites focus on systems composed of cubic
components such as fcc/bcc or fcc/fcc types [6,12–
21,23,25–27,30,32–36]. Recently cubic/hexagonal close
packed (hcp) systems, such as Cu/Zr (fcc/hcp) and Mg/
Nb (hcp/bcc) have started to attract attention from inves-
tigators [37,38]. However, considering the technological
and scientific importance of many metals with hcp lattice
structures, such as magnesium, titanium and beryllium,
much greater efforts are needed to exploit the unique char-
acteristics of such metals, particularly in the context of
multilayer systems. First of all, unlike cubic metals, which
are usually ductile due to the profuse slip systems available,
hcp metals have many fewer slip systems. For example, in
single-crystal and polycrystalline Mg, the dominant slip
mechanism is the basal slip ðf000 1g=h11�20iÞ [39], even
though other slip systems such as prismatic
ðf10�10g=h11�2 0iÞ and pyramidal ðf10�11g=h11�20iÞ slip
systems have been observed under some special loading
conditions and with special microstructures and chemical
compositions [40,41]. As for a-Ti, the dominant slip system
is prismatic slip under ordinary conditions
ðf10�10g=h11�20iÞ [42,43]. These metals have become
increasingly important due to their light weight or even
ultra-light weight (the mass density of Mg is only
1.74 g cm�3, compared to 7.9 g cm�3 for steels) and impres-
sive mechanical stiffness, which together render extraordi-
narily high specific strength.

To the best of our knowledge, there has been no work
reporting the synthesis, microstructure and mechanical
properties of metallic multilayers between hcp metals.
Pd-capped Mg/Ti multilayers were deposited by DC and
radiofrequency magnetron sputtering, but the focus was
on the capacity and kinetics of hydrogen storage of such
multilayers and the maximum thickness of the coating
was only 60 nm [44]. It might be argued that some of the
multilayered composites reported in the literature consist
of one hcp component [37,38].

However, multilayers composed of monolithic and sta-
ble hcp crystals have not been reported yet in the context
of microstructure–mechanical properties relationships.

In this study, two commonly used hcp metals, magne-
sium and titanium, were selected to prepare multilayers
with various h (2.5–200 nm). We have chosen Mg and Ti
firstly because both are hcp metals at room temperature.
These two hcp metals are also mutually immiscible, and
thus may lead to high thermal and compositional stability
of the multilayers. Ti and Mg have a moderate lattice mis-
match. The microstructure and mechanical properties of
the Mg/Ti multilayers were carefully examined to obtain
a comprehensive understanding of the microstructural evo-
lution and strengthening mechanisms as a function of h.

2. Experimental details

In what follows, we provide a detailed description about
the experimental procedures of this work, including mate-
rials processing, microstructural characterization and
mechanical property evaluation using instrumented nano-
indentation as well as microcompression.

2.1. Preparation of Mg/Ti multilayers

In this work, we follow the efforts in the literature on
metallic multilayers where most multilayers have been
synthesized via physical vapor deposition such as electron
beam evaporation and magnetron sputtering. Although
other techniques have also been used to produce
nanometer metallic multilayers, such as accumulative roll
bonding (ARB) [33,45], we chose magnetron sputtering
due to its ease of operation and fast turn-around. In the
present work, high-purity Mg and Ti were deposited alter-
nately onto a single-crystal (100) silicon substrate with
nearly identical h ranging from 2.5 to 200 nm using an
ATC 1800-F system (AJA International Inc.). The



Fig. 1. (a) XRD results of Mg/Ti multilayered nanofilms with various
individual layer thicknesses h (from h = 2.5 nm to h = 200 nm). The
primary diffraction peaks correspond to Mg (0002) and Ti (0002) (the
basal planes). For large individual layer thickness such as 100 and 200 nm,
Ti ð10�10Þ reflections become visible. It is also observed that the peak
breadth becomes larger with decreased h. Satellite peaks start to emerge
around the primary peaks at small h, too, indicating the modulated
structure with small wavelength of high spatial frequency. (b) XRR of the
nanofilm with h = 50 nm, showing the peaks associated with the Ti and
Mg layers. The information contained in such XRR results is used to
derive the periodicity of the layers. (c) Magnified XRD of the nanofilm
with h = 5 nm, showing the various orders of satellite peaks that will be
used to calculate the periodicity of the layers.
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deposition chamber is capable of housing four targets with
computer-controlled shutters for all the targets. The depo-
sition rates of Ti and Mg under �1.0 mtorr Ar pressure
were 0.136 and 0.417 nm s�1, respectively. The individual
layer thickness was monitored by X-ray reflectivity
(XRR) measurement. Through the control of bilayer peri-
odicity, the total multilayer thickness of each specimen was
kept at �1.0 lm when h < 100 nm. For the sample with
thicker layers (200 nm), the total thickness was �5.0 lm.
The silicon substrate was cleaned with plasma within the
chamber for 10 min prior to multilayer deposition to
remove surface contamination and the native oxide layer.
In all the samples, a 2 nm thick Ti layer was first deposited
on the silicon substrate since Si and Ti have relatively
strong chemical bonding. Because Mg is very reactive,
the top layer of all the multilayers is Ti to avoid sample
degradation with time after retrieval from the chamber.
For all the depositions, the substrate temperature was kept
at room temperature.

2.2. Microstructural characterization

X-ray related experiments are not only useful in analyz-
ing the possible phases in the multilayers, but are also rapid
and non-destructive ways to measure h [46,47]. In this
work, we used a Bruker AXS D8 Discover X-ray diffrac-
tometer (using Cu Ka radiation) to perform XRR and
X-ray diffraction (XRD) analyses. We used both low-angle
XRR (2h < 15�) and high-angle XRD (2h > 15�) to exam-
ine the bilayer period K (K = hMg + hTi) of the Mg/Ti mul-
tilayers. The XRR and XRD results are compared against
each other to verify the appropriate modulation. XRR can
provide the thickness information through the reflection of
the incident X-rays off the interfaces between the layers.
Several periodic peaks could be detected at small angles,
such as those displayed in Fig. 1b.

High-angle XRD of multilayers usually shows equally
spaced satellite peaks surrounding the ordinary and pri-
mary Bragg peaks because of the similar out-of-plane lat-
tice spacing, as shown in Fig. 1c. Analysis of these
satellite peaks also provides information of h.

The cross-sectional microstructures of the Mg/Ti multi-
layers were examined by transmission electron microscopy
(TEM) and high resolution transmission electron micros-
copy (HRTEM) on the JEOL 2100 microscope operated
at 200 kV. All the TEM samples were made by the focused
ion beam (FIB) technique on an FEI Nova 600i dual beam
FIB system (US Army Research Laboratory).

2.3. Evaluation of mechanical behavior

Nanoindentation tests were carried out on an Agilent
NanoIndenter G200 with a Berkovich diamond tip. The
commonly used continuous stiffness method was applied
to measure the hardness H and Young’s modulus E of



Fig. 2. An example of the micropillars extracted from an Mg/Ti
multilayered specimen (h = 2.5 nm) by focused ion beam (FIB) for the
microcompression experiment. The pillar is slightly tapered, which is an
unavoidable consequence for such small pillars fabricated by FIB.
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the multilayers at a constant strain rate of 0.05 s�1 (without
specific indication, hardness or flow strength mentioned in
the following were measured at this strain rate, and the
issue of strain rate sensitivity (SRS) will be addressed sep-
arately). The hardness value reached a plateau and became
stable when the indentation depth exceeded 50 nm in our
tests before a significant substrate effect kicks in. Following
the rule proposed by Buckle [48], the nanoindentation data
were collected within a maximum indenting depth of
�10–15% of the whole thickness for each multilayer
specimen to reduce the substrate effects.

Since SRS is an important fingerprint for the plastic
deformation mechanisms of materials [49,50], we also eval-
uated the SRS of the multilayers using nanoindentation. In
this case, the hardness of the specimens was measured at
different strain rates defined by

_e ¼
_P

2P
ð1Þ

where P is the load and _P ¼ dP=dt is the loading rate. In
this study, the nanoindentation tests were carried out at
strain rates of 0.005, 0.01, 0.05 and 0.1 s�1 on the Mg/Ti
multilayers. The SRS, m, in terms of hardness, is defined by

m ¼ @ log H
@ log _e

ð2Þ

To keep the consistency with the flow strength (obtained
by dividing the hardness by a factor of 2.7 based on the
Tabor relationship [51]), the activation volume associated
with plastic deformation is then calculated as

V � ¼ 2:7�
ffiffiffi
3
p

kT
H � m ð3Þ

In Eq. (3), k is the Boltzmann constant and T the absolute
temperature (in K). Recently there have been efforts on this
subject from different groups [29,32] in the context of
metallic multilayer systems.

Since its advent, microcompression has become a pow-
erful technique to probe the stress–strain behavior of
small volumes [52]. It has also been applied to metallic
multilayers for direct measurement of the mechanical
behavior of the samples [32,34,53]. In this work, we have
fabricated micropillars of the Mg/Ti multilayers using
FIB. An approximate aspect ratio of pillar height:diame-
ter of 2:1 was followed according to the recommendation
of Zhang et al. [54]. The microcompression experiments
were performed on a Nanoindenter XP I with a flat dia-
mond punch pressing against the pillar top. Post-loading
examinations of the pillars were performed within the
dual beam system (FEI Nova 600i). Fig. 2 displays an
example of micropillars fabricated by FIB of the Mg/Ti
multilayer specimens.

3. Experimental results

In what follows, we will present the experimental
results of this work, including microstructures of the
Mg/Ti multilayers based on XRD, XRR and TEM. This
is followed by mechanical testing results based on nanoin-
dentation and microcompression. Finally, some post-load-
ing microstructure results will be provided on the pillar
samples.

3.1. Microstructures of the Mg/Ti multilayers

Fig. 1a provides the XRD results of various Mg/Ti
multilayers with different h. It is clearly seen that Mg
and Ti are both highly textured along Mg (0002) and
Ti (0002). Very weak intensity is observed from Ti
ð10�10Þ reflections for h = 100 nm and 200 nm, respec-
tively. We will see later in this paper that such texture
imparts strong effects on the mechanical behavior of the
multilayers, particularly pertaining to the compression
behavior. The ð10�10Þ peak disappears for smaller h. This
suggests that when h is smaller, preferentiality in orienta-
tion becomes stronger. Our TEM results to be presented
later on will show that epitaxial growth between the Ti
layer and the Mg layer has occurred for small h. This is
indirectly suggested by the prevalence of Mg (0002)/Ti
(0002) peaks, and disappearance of all other reflections
when h 6 50 nm (Fig. 1a). In particular, both Bragg peaks
of Mg (00 02) and Ti (000 2) shift to larger angles grad-
ually as h is reduced. Satellite peaks start to emerge sym-
metrically about the Bragg peaks of Mg (000 2)/Ti (0002)
reflections in the XRD spectra when h 6 20 nm. Higher-
order satellite peaks become visible when the XRD pat-
tern is amplified about the major Bragg peaks, as shown
in Fig. 1c for h = 5 nm.

The bilayer period K, which is the sum of the individual
thickness of the Ti and Mg single layers (K = hTi + hMg), is
determined from the XRD data following standard



Table 1
The values of bilayer period K measured by low angle XRR and high angle XRD for the Mg/Ti multilayers.

Designed bilayer period
K (K = hMg + hTi) (nm)

K measured from XRR (nm) K measured from XRD (nm)

Average Error Average Error

10 (5 + 5) 11.27 0.52 11.22 0.05
20 (10 + 10) 19.31 0.79 18.27 0.05
40 (20 + 20) 37.7 1.8 37.11 0.07
100 (50 + 50) 93.6 9.1 – –
200 (100 + 100) 197 28 – –
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procedure. The results for the various specimens are sum-
marized in Table 1. The very small discrepancy between
XRD results and the designed bilayer periodicity indicates
that the XRD measurements of periodicity in the multilay-
ers based on the position of satellite peaks are quite reli-
able. It also suggests that relatively accurate modulation
and control of Mg and Ti laminates have been achieved
in our study.

Since these two hcp metals were deposited alternately to
build up the whole multilayer specimen, their correspond-
ing peaks on the XRR patterns also appear in an alternate
manner. An example is provided in Fig. 1b, which is the
XRR results of the 50 nm Mg/50 nm Ti multilayer in the
small scanning angle regime. The peaks of Mg and Ti are
equally spaced, and their positions have a nearly propor-
tional relationship with the order of reflection. Based on
the XRR results, we can also derive the average bilayer
thicknesses for the specimens, with the results given in
Table 1. The data in Table 1 show that the results from
XRR are in very good agreement with those from XRD.
As mentioned previously, both Mg and Ti grow preferen-
tially in the direction perpendicular to the basal plane (or
in the c-axis direction). This parallel growing behavior pro-
vides indirect evidence for epitaxial growth between Ti and
Mg in the Mg/Ti multilayers, particularly for small h. Epi-
taxial growth between nanolayers has also been observed in
other deposited films [55,56].

Fig. 3a is the bright-field TEM image showing the cross-
sectional microstructure of the Mg/Ti multilayer with
h = 10 nm. Despite the uniform lamellar morphology
across the whole cross-sectional view, two major orienta-
tion relationships (ORs) can be identified between Mg
and Ti, and these are labeled OR.1 and OR.2, respectively,
in the image. Selected area diffraction (SAD) patterns cor-
responding to the two boxed regions, designated as OR.1
and OR.2, in Fig. 3a are displayed in Fig. 3b and c, respec-
tively. OR.1 refers to the orientation relationship of Mg
f0002g//Ti f0002g and Mg h01�10i//Ti h01�10i, confirm-
ing the epitaxial growth between the two hcp components.

Considering the relatively large lattice mismatch
between hcp Mg and Ti (ahcp-Mg = 0.3209 nm; ahcp-Ti =
0.2951 nm, and the mismatch is then 8.6% on the basal
plane), the epitaxial growth appears remarkable.

In the second orientation relationship, OR.2, the Mg
lattice maintains the same growing direction as that in
OR.1, but the Ti lattice changes to develop along the axis
perpendicular to the prismatic plane ð01�10Þ, whose reflec-
tions was also detected by XRD. Therefore, this leads to
another orientation relationship (OR.2), Mg f0002g//Ti
f01�10g and Mg h2�1�10i//Ti h0 001i.

However, OR.2 could hardly be detected by examining
the whole cross-sectional microstructure of the specimen
of h = 2.5 nm. Fig. 4a shows a bright-field TEM image of
the multilayer structure in this specimen. Besides OR.1,
there is yet another orientation relationship Mg f0002g//
Ti f0002g and Mg h2�1�10i//Ti h2�1�10i identified for this
specimen, as shown in Fig. 4b. This relationship also
reflects the epitaxial growth between Mg and Ti while the
in-plane rotation of crystals contributes to its minor differ-
ence from OR.1. From the SAD pattern in Fig. 4b, the
spots are seen to split into several strings due to the extre-
mely fine lamellar structure, which is called streaking [57].
For this specimen Mg and Ti exclusively follow the orien-
tation relationship of Mg f00 02g//Ti f0002g. This is fur-
ther confirmed by direct observations of the atomic
arrangement of each layer via high-resolution TEM, with
a representative image provided in Fig. 4c, where the orien-
tation relationship has been marked out. The average spac-
ing between two adjacent Mg atomic layers along the
direction normal to the Mg/Ti interface is measured to
be 2.58 Å, which is very close to half of the lattice param-
eter in the c-axis of hcp Mg, i.e. cMg = 5.21 Å. The Ti layers
exhibit similar characters. Along the [0002] direction
(Fig. 4c), all the Mg and Ti atoms are stacking with a
nearly perfect ABAB. . . sequence. At the interfaces, when
the last “A” layer of Mg is finished, the subsequently
deposited Ti atoms prefer to occupy atomic positions iden-
tical to the “B” layer. Nevertheless, the first two atomic lay-
ers of Ti are likely to shear themselves to a certain extent
from direct observations, similar to a stacking fault in a
monolithic hcp crystal. This small distortion is reasonable
since the lattice at the vicinity of the Mg/Ti interface is
strained due to the lattice mismatch between Mg and Ti.
At relatively large h, epitaxial growth by means of
domain-matching epitaxy [58,59] may still be possible,
accompanied by the formation of misfit dislocations during
the deposition process.

In summary, we have observed that depending on h, two
major types of orientation relationship have been identified
in the Mg/Ti multilayer specimens. For very small h, epi-
taxial deposition between Ti and Mg matching the basal
plane has been the prevalent growth mode in spite of the



Fig. 3. (a) The bright-field TEM micrograph of the cross-sectional area of the Mg/Ti multilayered nanofilm with an individual layer thickness of 10 nm.
The two boxed regions in this image correspond to the diffraction patterns of (b) and (c), respectively. The orientation relationship between Ti and Mg
corresponding to (b) is OR.1: Mg f0002g//Ti f0002g and Mg h01�10i//Ti h01�10i. The orientation relationship corresponding to (c) is OR.2: Mg
f0002g//Ti f01�10g and Mg h2�1�10i//Ti < 0001>. Note that in OR.1 the basal planes of both the Mg and the Ti phases are parallel to the specimen
surface or the Ti/Mg interfaces. In OR.2, the prism plane of the Ti phase is parallel to the Ti/Mg interfaces but the basal plane of Mg is still parallel to the
Ti/Mg interfaces.
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relatively large lattice mismatch between hcp Mg and Ti,
resulting in an orientation relationship of Mg f0 002g//Ti
f0002g and Mg h01�10i//Ti h01�10i (or Mg h2�1�10i//Ti
h2�1�10i with in-plane rotation of crystals). When h is
increased, another orientation relationship, Mg f0 002g//
Ti f01�10g and Mg h2�1�10i//Ti h0001i, starts to emerge,
presumably to accommodate the lattice mismatch and
internal stress.

3.2. Mechanical behavior of the Mg/Ti multilayers

From nanoindentation experiments following the meth-
ods of Oliver and Pharr [60], we obtained the Young’s
modulus E and average hardness H of the as-deposited
Mg/Ti multilayers. We have found that regardless of the
various h values, the measured Young’s modulus values
are consistently in the range of 78 ± 6 GPa. Considering
that the room temperature Young’s moduli of pure Mg
and a-Ti are 44 and 116 GPa, respectively, this result sug-
gests that the “rule of mixture” applies to the Young’s
modulus of the Mg/Ti multilayers. Namely, the Young’s
modulus of the multilayer specimen is the weighted mean
of the Young’s moduli of the constituent components.

The hardness of the Mg/Ti multilayers exhibits an
obvious increasing trend with h. Fig. 5 displays the
nanohardness results of the various Mg/Ti multilayers.
The maximum hardness with a magnitude of �4.2 GPa is
obtained in the Mg/Ti multilayer of h � 2.5 nm. To pro-
vide a more straightforward illustration of the deformation
mechanisms in these hcp/hcp multilayers that we will
revisit in the next section, we have plotted the flow strength
r (hardness H divided by a factor of 2.7) as a function of
the inverse square root of h (h�0.5) in Fig. 5. This plot is
reminiscent of strength–h plots of many other multilayer
systems in the literature [14,22,23]. In other words, when
h is large, there is a nearly linear effect of h�0.5 on strength,
following the classical Hall–Petch relation. However, when
h is further reduced, its effect on strength levels off, until a
decrease in strength is observed, which is popularly called
the inverse Hall–Petch effect, as observed in bulk nanocrys-
talline metals [61]. However, a clear trend of the inverse
Hall–Petch effect cannot be securely established for the
Mg/Ti multilayer system since the maximum hardness is
obtained at the smallest h (h = 2.5 nm). The Hall–Petch
effect has often been well explained by dislocation
pile-ups within individual layers in the community of
metallic multilayers [6,23]. In bulk polycrystalline metals,
however, other equally valid models have been proposed
to account for the Hall–Petch relation, including grain
boundaries as dislocation sources and sinks [62],



Fig. 4. (a) The bright-field TEM micrograph of the cross-sectional area of the Mg/Ti multilayered nanofilm with an individual layer thickness of 2.5 nm.
(b) Beside OR.1, another orientation relationship, Mg f0002g//Ti f0002g and Mg h2�1�10i//Ti h2�1�10i, has been identified from the electron diffraction
patterns of this specimen, also indicating the epitaxial growth between Mg and Ti. The only difference between it and OR.1 is the in-plane rotation of both
Mg and Ti crystals. The streaking in the diffraction pattern is due to the extremely small individual layer thickness. (c) High-resolution TEM image of the
Mg and Ti layers of this specimen, showing epitaxial growth between Mg and Ti.

Fig. 5. The plot of nanoindentation hardness H and flow strength r as a
function of h�0.5 for the Mg/Ti multilayer specimens. For comparison, the
results from an Mg/Nb multilayered system are also plotted. The results of
the Mg/Nb system are from Ref. [38]. The flow strength is derived by
dividing the nanoindentation hardness by a factor of 2.7. It can be
observed that when the individual layer thickness h is large, the strength of
the multilayer specimens follows the Hall–Petch relation. The strength
levels off at a relatively small individual layer thickness, and a dip is
observed at h = 5 nm. However, the maximum strength is obtained at the
smallest individual layer thickness of this work (h = 2.5 nm).
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geometrically necessary dislocation for plastic compatibil-
ity at the grain boundaries [63] and avalanche behavior
of dislocations [64], and so on. For comparison, in
Fig. 5, we have also plotted the hardness of Mg/Nb multi-
layers. The data is extracted from Ref. [38] (the work of
Ham and Zhang). We see that the hardness of this more
heterogeneous system has been surpassed by the hcp/hcp
system of Mg/Ti.

In Fig. 5, a straight line reflecting the Hall–Petch slope
kr is sketched out in green to fit the linear relationship of
r � h�0.5 for relatively large h. The Hall–Petch slope kr is
derived to be 4.99 GPa nm1/2. As we have pointed out, with
further reduction in h, the strength of the multilayers con-
tinues to increase but the Hall–Petch slope has been
decreased compared to the value of kr for large h. We have
also observed a dip in the strength vs. h�0.5 plot in the small
h regime that occurs at h = 5 nm. Afterwards, the strength
increase resumes and the maximum flow strength,
�1.56 GPa, is reached in the film with the smallest h

(�2.5 nm). The commonly observed plateau of strength
or softening at the level of several nanometers has not been
detected in this study.

To further examine the strengthening and flow behavior
of the various samples, we have also performed microcom-
pression experiments on pillars machined from the Mg/Ti
multilayers using FIB. Fig. 2 displays a representative
image of such a micropillar. It shows that the average
diameter of this pillar is �0.5 lm in an attempt to maintain
a height/diameter aspect ratio of 2:1 [54]. For pillars of
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such dimensions, tapering becomes an unavoidable issue
[65,66], which may introduce spurious strain hardening
according to the work of Zhang et al. [54]. To measure
the stress, we use the cross-sectional area at half height of
the multilayer pillar. Since machine compliance cannot be
removed for such non-standard measurement and the
strain is based on the apparent displacement of the flat
punch recorded by the nanoindentation system, we have
not attempted to derive the elastic modulus of the samples.
Fig. 6 presents the representative true stress–strain plots of
some Mg/Ti multilayers with different h values (2.5, 5.0 and
100 nm, respectively). We can see that the compressive
strength of the multilayers has the same trend as the hard-
ness values. However, in all the cases, the compressive
strength is much higher than the “flow strength” derived
from the nanoindentation experiments based on the Tabor
relationship [51] (r = H/C, C being the constraint factor,
taken to be 2.7 in this work). For example, Fig. 6 shows
that the strength of the multilayer specimen with
h = 2.5 nm is �2.4 GPa, while the Tabor formula only
leads to a flow strength in the amount of �1.56 GPa from
nanoindentation. This apparent discrepancy will be dis-
cussed and explained in a later section.

It is also noticed from the microcompression results that
the pillars start to soften after yielding. The scarcity in data
points in the post-yielding phase is due to the limited data
acquisition rate (only 20 Hz) of the Nanoindenter XP I
used to perform the microcompression experiments. We
will discuss the apparent flow softening in the next section
of the paper.
Fig. 6. True stress–strain curves from microcompression experiments of
the Mg/Ti multilayer specimens with individual thicknesses of 2.5 nm,
5 nm and 100 nm, respectively. Because of the machine compliance, we do
not attempt to derive the elastic modulus of the films. It is striking to
notice that under microcompression, the multilayer specimens are much
stronger than under nanoindentation. For example, when h = 2.5 nm, the
compressive strength is �2.4 GPa, much higher than the strength of
�1.56 GPa derived based on nanoindentation. However, at large h, the
discrepancy between compressive strength and the nanoindenation
strength becomes less significant. It is also noticed that the specimen with
h = 2.5 nm has a strength level very close to the ideal strength of Ti/Mg,
assuming the shear modulus of the multilayer specimen follows the rule of
mixture. See the text for detailed explanation for this phenomenon.
Fig. 7a and b displays the pre-loading and post-loading
images of the Mg/Ti multilayers with h � 100 nm. Since the
top layer is always Ti, we can infer that the layer with
brighter contrast is Mg. The post-loading image (Fig. 7b)
suggests that under compression, plastic deformation pro-
ceeds from the pillar top. Unlike observations where shear
bands appear during microcompression of some multilayer
samples [67–69], we have not seen shear bands in our spec-
imens. But it can be observed that upon compression, the
Mg phase has been squeezed out, or “extruded” out
between the Ti layers (Fig. 7b). Fig. 8 gives an example
of pre-loading (a) and post-loading (b) images of the Mg/
Ti multilayer where h = 5 nm. Due to the extremely small
h, the individual layers cannot be distinguished from the
image. However, the boundary between the multilayer
and the silicon substrate can still be observed, as indicated
by the arrows in Fig. 8a and b. Fig. 9 provides the pre-load-
ing (a) and post-loading (b) images of the specimen with
h = 2.5 nm. In these specimens, no shear bands have been
observed either. Plasticity proceeds from the pillar top. It
is also suggested that the squeezing of the thicker Mg layers
is attributed to the smaller interface area and weaker con-
straints from adjacent Ti layers. For the same reason, the
deformation of extremely thin layers will be comparatively
more difficult, resulting in a higher strength of the film.

Finally, we present the SRS results of the Mg/Ti multi-
layers based on nanoindentation at different loading rates,
and the SRS of each specimen was calculated using Eq. (2),
while the activation volume was derived from Eq. (3).
Fig. 10 shows the lnH vs. ln _e plots of the various Mg/Ti
multilayers. We can see that all the data points fall onto
the respective straight lines. The slope of each straight line
is the SRS of the corresponding specimen. The measured
values of SRS (m) and activation volume (V�) of the vari-
ous specimens are listed in Table 2. The values of m for
the Mg/Ti multilayers fall in the range of 0.038–0.053
and the activation volumes are in the range of 3.7–8.0b3

(b is the magnitude of the Burgers vector of dislocations).
However, according to the results, it is quite difficult to
come to a straightforward and clear relation between m,
V� and individual layer thickness h, as that reported for
Cu/Cr and Cu/Zr multilayers by Niu et al. [29]. Neither
can a definitive relation between SRS, V� and h be estab-
lished for these Mg/Ti multilayer specimens in a way sim-
ilar to the relationship between SRS and grain size d for
bulk fcc and bcc metals [49]. If we compare the SRS values
of the Mg/Ti multilayers with those of the monolithic con-
stituents as shown in Table 3 (data points for Mg and Ti in
various conditions are from Dorn and Mitchell [70],
Trojanova et al. [71], Hwang et al. [72], Conrad [73] and
Jia et al. [74], no clear correlation can be identified either.
We can see that the strength of Mg/Ti multilayers is not
as sensitive to strain rate as nanocrystalline Mg, even when
the layer thickness h is approaching to the grain size d
(m = 0.0524 at h = 50 nm of this work vs. m = 0.45 at
d = 45 nm from Refs. [71,72]). Unlike the remarkable
change of SRS with grain size in pure monolithic Mg, the



Fig. 7. Pre-loading (a) and post-loading (b) scanning electron micrographs of micropillars of the Mg/Ti multilayer specimen with h = 100 nm. Since the
top layer is always Ti, the layers of bright contrast are the Mg phase. The post-loading image indicates that under uniaxial compression, plastic
deformation proceeds from the top of the pillar. It is also noticed that under compression, the Mg layers have been squeezed or extruded out between the
mechanically more rigid Ti layers. No shear banding events can be observed.

Fig. 8. Pre-loading (a) and post-loading (b) SEM images of micropillars of the Mg/Ti multilayer specimen with h = 5 nm. In this case, even though the
individual layers cannot be distinguished, the boundary between the multilayers and the silicon substrate is visible (see the arrows in both (a) and (b)).
Again, under compression the plastic deformation proceeds from the top of the multilayer specimen, and no shear band can be observed.

Fig. 9. Pre-loading (a) and post-loading (b) SEM images of micropillars of the Mg/Ti multilayer specimen with h = 2.5 nm. Similar to other compression
specimens, again, the plastic deformation proceeds from the top of the multilayer specimen, and no shear band can be observed.
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Mg/Ti multilayers of this work do not show significant
change in SRS when h is changed. This is also true for
the activation volumes as suggested by the data in Table 2.

In summary, we have observed that the hardness of the
Mg/Ti multilayer specimens follows the conventional Hall–
Petch relation for relatively large h. The Hall–Petch
strengthening levels off at smaller h. A dip in the hard-
ness–h�0.5 curve is observed at h = 5 nm. However, with
further decrease in h, the hardness starts to increase again,
and the highest hardness is obtained at the smallest h

(2.5 nm) of this work. Microcompression experiments of
these samples result in much higher strength vis-à-vis hard-
ness measurement via the Tabor formula. Strain softening
is observed after yielding under microcompression. No cer-
tain trend has been established for the SRS but the activa-
tion volume is smaller than 10b3 for all the specimens.



Fig. 10. Experimental results of SRS of the Mg/Ti multilayered specimens
with different individual layer thicknesses. The results are based on
instrumented nanoindentation at different loading rates. The results are
plotted in double logarithmic scales. It shows that the lnH and ln _e can be
well depicted by straight lines and the slopes of the straight lines are the
SRS values of each specimen. The values of h and SRS (m) are also
provided in the inset of this plot.
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4. Discussion

In this part, we will try to provide an explanation for the
microstructure and the mechanical behavior of the Mg/Ti
multilayers. We will first discuss the microstructural evolu-
tion as a function of the individual layer thickness h, fol-
lowed by the different potential strengthening mechanisms
within the various thickness regimes. Finally, we will
attempt to explain the much higher compressive strength
with respect to the nanoindentation measurement results.

4.1. Microstructure of the Mg/Ti multilayers

In addition to the significant difference in melting points
between Mg and Ti (Tm-Mg = 923 K vs. Tm-Ti = 1943 K),
these two metals have very limited solubility (�2 at.%) to
Table 2
SRS m and activation volume V� of Mg/Ti multilayers with h.

h (nm) 2.5 5 10

m 0.0471 0.0387 0.0487
V� 3.713b3 5.280b3 3.860b3

Note: the parameter b here indicates the average length of Burgers vector of M

Table 3
The comparison of m in Mg/Ti multilayers with Mg and Ti in different condi

Material

Single crystal Mg (Dorn and Mitchell)
Nanocrystalline Mg, d � 100 nm (Trojanova)
Nanocrystalline Mg, d � 45 nm (Hwang et al.)
Polycrystalline Ti, d � 0.05 mm (Conrad)
Ultrafine grained Ti, d � 260 nm (Jia et al.)
Mg/Ti multilayered nanofilms

Note: d is the average grain size.
each other. The enthalpy of mixing between Mg and Ti is
positive, and that is why there are no intermetallic
compounds between Ti and Mg from their binary phase
diagram [75]. This also means that at equilibrium, the
inter-diffusivity between Ti and Mg is vanishingly small
[76]. Therefore, it should be difficult to combine them
together to form an alloy by regular preparing techniques.
Asano et al. [77] reported the synthesis of MgxTi100�x

alloys by milling Mg and Ti powders for 50–200 h. They
found that a high content of metastable phases with bcc
or fcc structure had been introduced into these far-from-
equilibrium alloys. Although in the work of Asano the crys-
tallite size of the ball-milled MgxTi100�x non-equilibrium
alloys had been reduced to �10 nm, further reduction in
grain size with uniform grain size distribution had been
proved to be impossible. In contrast, the deposition of
Mg and Ti by magnetron sputtering reported in the present
work offers an effective way to produce Mg–Ti composites
with high thermal stabilities as well as accurate controls of
specimen size. The very limited inter-mixing between Ti
and Mg adds one more advantage in that we should expect
clean Mg/Ti interfaces, which simplifies the problem and
allows us to explore the dislocation mechanisms responsi-
ble for the strengthening effects as a function of h. The ther-
mal and structural stability of Mg and Ti in the multilayers
renders this binary system a very good model system for
the study of the microstructure and mechanical properties
of hcp/hcp multilayers.

Based on our XRD and TEM results, there are three
features worth noting about the microstructure of Mg/Ti
multilayers. First, no phase transformation or change of
lattice structure has been detected. For nanostructured
multilayers made up of metallic constituents with different
atomic configurations at the interface, one component is
prone to transform into the crystal structure of another
to accommodate the significant lattice mismatch. This
phenomenon has been widely observed [12], especially
when an hcp metal is involved. For instance, a metastable
20 50 100 200

0.0402 0.0524 0.0478 0.0460
5.515b3 4.688b3 6.063b3 7.978b3

g and Ti.

tions.

m Ref.

0.041 [70]
0.31 [71]
0.6 [72]
0.025 [73]
0.009 [74]
0.038–0.053 This work
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bcc Mg phase was reported by Ham and Zhang in the sput-
ter-deposited Mg/Nb multilayers with h of 5 nm or less
[38]. Similarly, Zr has also been found to have an hcp-to-
bcc transition during room-temperature deposition of
Nb/Zr multilayers, as described in the work of Lowe and
Geballe [78]. The Mg/Ti multilayer system in this study,
however, keeps the hcp crystal structure at various values
of h. This may be attributed to the identical lattice type
of Ti and Mg at room temperature.

Second, in contrast to most reported metallic multilayer
systems, there is more than one orientation relationship
identified between Ti and Mg in Mg/Ti multilayers when
h > 2.5 nm. According to the literature, fcc/bcc multilayered
thin films generally follow the Kurdjumov–Sachs (K–S)
orientation relationship [27,34], in addition to occasional
observation of the Nishiyama–Wasserman (N–W) relation-
ship [79]. The fcc/fcc multilayers are featured by cube-
on-cube crystallographic relationship with (111) fiber tex-
ture, of which Cu/Ag, Ag/Ni and Cu/330 stainless steel
multilayers are examples [14,35,80]. Considering that Mg
and Ti are both hcp metals with a moderate lattice param-
eter mismatch between them, the hcp-on-hcp orientation
(OR.1) should be favored. The prevalence of (0002) texture
and OR.1 in the Mg/Ti multilayers is thus understandable.
Zheng et al. have also observed a similar orientation rela-
tionship in vapor-quenched Ti–29 wt.% Mg alloy [81]. As
for the emergence of OR.2 in the Mg/Ti multilayers with
relatively large h, further effort may be needed to clarify
the underlying mechanism, including modeling and simula-
tions. For now we may invoke the work of Wei and Misra
[82], who observed layer curvature manifested as the wavy
morphology of the layers. Such curved layers may disrupt
the orientation relationship at small h, and result in some
other relationship such as OR.2 identified here with rela-
tively large h. However, the formation of layer curvature
is a complicated dynamic process influenced by thermal
equilibrium during deposition, growth defects, surface dif-
fusion and so on. It is therefore difficult to accurately pre-
dict the growth mechanisms of the Mg/Ti multilayers.

Third, the moderate lattice mismatch between hcp Ti
and Mg indicates that the interface of the Mg/Ti multilay-
ers should be semi-coherent at best. At the Ti/Mg interface,
dis-registry of atoms can be periodically taken up by misfit
dislocations. It is well known that the interface characteris-
tics play a vital role in the deformation mechanisms of mul-
tilayered materials. The effects of partially relieved
coherency strain and misfit dislocations at the Mg/Ti inter-
face on the mechanical behavior of Mg/Ti multilayers will
be discussed in detail in the following section.

We should point out that the epitaxial growth between
the Ti and the Mg layers needs further elaboration because
of the relatively large lattice mismatch between the two hcp
metals. The degree of epitaxy depends on a number of fac-
tors. As such a critical thickness can be derived for different
systems. In the Mg/Ti system, we can use the following for-
mula to estimate the critical thickness hcr of epitaxial
growth [83–85]:
hcr ¼
b

2pem
ln

ffiffiffi
2
p

hcr

b

 !
ð4Þ

where b is the length of Burgers vector and em is the misfit
strain of the film. The physical meaning of hcr is that it
gives the theoretical critical thickness for the formation
of misfit dislocations to relax the misfit strains. When hcr

is too small, the energy from the constrained layers will
not be enough to provide the energy required to form the
misfit dislocations.

Here, we assume only dislocations with an a-type Bur-
gers vector are operating, and ~b ¼ 1=3h11�20i while the
misfit strain is 8.6%. According to Eq. (4), the stable crit-
ical thickness of Mg/Ti epitaxial growth is only 0.6 nm
and comparable to several atomic monolayers. In other
words, the appearance of misfit dislocations is inevitable
in Mg/Ti multilayers to accommodate the lattice mis-
match. The distance s between adjacent misfit dislocations
is

s ¼ b
em

ð5Þ

For Mg/Ti multilayers, sMg-Ti is �3.55 nm. It agrees with
the HRTEM image of the Mg/Ti multilayer specimen with
h = 2.5 (Fig. 4c), where epitaxial growth can be clearly seen
in the Mg/Ti interfacial region with a width of at least
3.0 nm.

As suggested by Matthews [86], in practice, the critical
thickness hcr for epitaxial growth could be larger than the
value calculated by Eq. (4) since other strain relaxation fac-
tors, such as the elastic strain in the lattices or difficulties
associated with the formation of misfit dislocations, are
involved. Taking the shearing in the first two Ti atomic lay-
ers deposited right above Mg as an example, these stack-
ing-fault-like distortions as shown in Fig. 4c could be
responsible for relaxing strains in the films to a certain level
and potentially extend the critical thickness for epitaxial
growth.

When h is large, other orientation relationships such
as OR.2 start to evolve. Based on this relationship, it
is realized that the Ti crystals orient themselves with
the dominant slip plane Ti f01�10g paralleling to Mg
f0002g which is the dominant slip plane of Mg at the
interface, as h is increased. By reducing the angle
between the dislocation glide plane and the interface, this
kind of arrangement is favored for the dislocations to
propagate across the interface and consequently weakens
the strengthening effects from the interface barriers. It is
energetically favorable for OR.2 to emerge when h is
thick enough, while a smaller h might restrict this trans-
formation and keep the epitaxial growth. It is at least a
possible explanation for the appearance of OR.2. How-
ever, other potential fundamental mechanisms for its
presence need further elaboration. For example, the
entropic factor or strain energy reduction at large h

may be carefully examined to show the effect, or the lack
thereof.
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4.2. Strengthening mechanisms in different regimes of h

In this part, we first provide a discussion on the
nanoindendation behavior pertaining to the strengthening
mechanisms of the Mg/Ti multilayers and their extraordi-
narily high hardness. Then we will discuss the discrepancy
between the nanoindentation results and the microcom-
pression results.

4.2.1. Strengthening effects responsible for hardness
First of all, we notice that the Mg/Ti multilayers exhibit

much higher strength than the bulk counterpart of their
constituents. For example, the ultimate tensile strength of
pure Ti is �550 MPa [87], about one third of the maximum
strength obtained from our Mg/Ti multilayers. Even cryo-
milled commercial-purity titanium with a high content of
impurity atoms has a yield strength only at the level of
�900 MPa [88]. As a matter of fact, the strength of the
Mg/Ti multilayers with fine lamellar structure is so impres-
sive that it even surpasses the strong commercial Ti–6Al–
4 V alloy (yield strength �880 MPa). This is even more
so if we look at the microcompression results. The yield
and ultimate tensile strengths of pure Mg in the sand-cast
condition are only �21 MPa and �90 MPa, respectively
[39]. Considering these factors, we believe it is necessary
to provide an in-depth discussion about the extraordinarily
high strength of the Mg/Ti multilayers.

We believe that the semi-coherent interface between the
two hcp metals is partly responsible for the high strength of
the Mg/Ti multilayers, especially when we make compari-
son with the mechanical properties of sputter-deposited
Mg/Nb multilayers reported by Ham and Zhang [38] (the
Mg/Nb results are also plotted in Fig. 5 for comparison).
The measured peak hardness of the Mg/Nb system is only
�2.8 GPa, which is also achieved at h = 2.5 nm, much
lower than �4.2 GPa of the Mg/Ti multilayer specimen
with the same h. Meanwhile, the measured Hall–Petch
slope of the Mg/Nb system is slightly smaller than that
of the Mg/Ti system. Since the Hall–Petch slope represents
the strength of interface barrier related to slip transmission,
the peak strength of multilayers can be estimated from the
measured slope by the following equation [23]:

s� ¼ k2pð1� mÞ
lb

ð6Þ

where s� is the barrier strength of the boundary for slip
transmission, m is the Poisson ratio, l the shear modulus
and b is the length of the Burger vector. The value of the
parameter k in Eq. (6) under shear loading is obtained by
dividing kr with a Taylor factor of �3.1. Similar to Mg/
Nb, the substitution of relevant parameters of Mg into
Eq. (6) will lead to an overestimation of the strength of
the Mg/Ti multilayers. Here, we used m = 0.32,
l = 44 GPa and b = 0.29 nm, all of which are from the stif-
fer component, Ti, into the equation and obtained
s� = 0.44 GPa. By multiplying s� with the Taylor factor,
we can obtain a theoretical estimate of the ultimate peak
strength of the Mg/Ti multilayers, �1.36 GPa, not very
far away from the experimental peak strength of
�1.56 GPa (see Fig. 5).

The above estimation of interface boundary strength
(IBS) is mainly based on dislocations pile-up against the
interface. We can also attempt to predict the peak strength
alternatively by considering the intrinsic properties of the
Mg/Ti interface. First, we calculate the image stress in
the Mg/Ti multilayers owing to the elasticity mismatch
between Mg and a-Ti. As we know, the dislocation which
is moving from the soft layer to a hard layer must over-
come a repulsive force (so-called image stress or Koehler
stress) due to the different shear moduli across the inter-
face. The upper bound of the image stress in the Mg/Ti
multilayer can be calculated as [5]

simage ¼
lTi � lMg

lTi þ lMg

lMg sin h

8p
ð7Þ

where h is the smallest angle between the interface and the
glide planes of the crystal and is assumed to be 60� for Mg/
Ti multilayers. We can then calculate the image stress to be
simage � 0.26 GPa. In addition, the arrays of misfit disloca-
tions deposited on this semi-coherent interface can also im-
pede the slip transmission of dislocations, which is [21,89]

smisfit ¼ al n� b
2h

� �
ð8Þ

where a is the Saada’s constant and is �0.5; n is the misfit
strain (8.6%). At h = 2.5 nm, smisfit is calculated to be
0.19 GPa.

The applied stress required for the glide of dislocations
across the interface is mainly from these two parts, and
therefore

rIBS � Mðsimage þ smisfitÞ ð9Þ
The theoretical peak strength for the Mg/Ti multilayers

is therefore �1.40 GPa, in reasonable agreement with the
experimental result of �1.56 GPa. The small discrepancy
may be attributed to the coherency stress of the Mg/Ti
interface, since the interface might not be completely
relaxed. Based on atomistic simulations on Cu/Ni epitaxial
nanolayers, Rao and Hazzledine claimed that the coher-
ency stress is capable of enhancing the Koehler barrier by
changing the elastic constants of the constituent compo-
nents and the dislocation core width [89].

We have seen that the Hall–Petch law does give a good
fitting to the strength of the Mg/Ti multilayers when
h > 50 nm. However, it significantly overestimates the flow
strength as h is less than 20 nm. The failure of the Hall–
Petch law in this regime is probably because of the incapa-
bility of dislocation pile-up against the interface. For exam-
ple, in the case of the double-ended pile-up, there should be
at least three dislocations to make the pile-up model valid.
However, when h is below 50 nm, the number of disloca-
tions that can survive the tiny space can be vanishing. As
a consequence, the plastic deformation of Mg/Ti
multilayers at this length scale is mainly mediated by the
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glide of dislocation loops confined within softer layers. As
such, the Orowan bowing mechanism is suggested to
describe the behavior by r / lnðh0=bÞ=h0 [21,90–92], where
h0 is the layer thickness measured parallel to the glide plane
and is taken as 2h=

ffiffiffi
3
p

, assuming pyramidal slip in hcp
structure under indentation. This confined layer slip
(CLS) model fits the experimental data well at the vicinity
of h = 20 nm. But it greatly overestimates the flow strength
for h 6 10 nm.

Here, we follow a refined CLS model by Misra et al. [23]
to better interpret the trend of flow strength of the Mg/Ti
multilayers for h from 2.5 to 20 nm. The stress required
to activate this mechanism is given by:

rCLS ¼ M
lb

8ph0
4� m
1� m

� �
ln

ah0

b

� �
þ lb

kð1� mÞ �
f
h

ð10Þ

The first term in Eq. (10) represents the normal stress
needed to propagate the glide loop trapped between adja-
cent interfaces. It is directly derived from the original
CLS model but includes possible change in dislocation core
width. Due to the prevalent hcp-on-hcp orientation in the
Mg/Ti multilayers and basal slip as the dominant slip mode
in Mg with its basal plane parallel to the interface, the
absorption of glide dislocation will occur at the interface.
Instead of a compact core (a = 1), an expanded dislocation
core is therefore preferred in the case of the Mg/Ti inter-
face. The second term in Eq. (10) is the blocking strength
from the interaction of a single glide dislocation with the
dislocations that reside on the interface. In Misra’s work,
the dislocation segments on the interface are deposited by
previous glide loops. Nevertheless, these glide loops could
not only create dislocations on the interface but also anni-
hilate the misfit dislocations that has already been formed
by the lattice mismatch. As a result, the spacing of the
in-plane dislocation segments might be larger than that of
Fig. 11. The fitting results of the indentation-based flow strength of the
Mg/Ti multilayer specimens based on the Hall–Petch relation (h P 50 nm)
and the modified confined layer slip (CLS) model (h < 50 nm). It shows
that the modified CLS model provides a very good prediction of the
indentation-based flow strength of the Mg/Ti multilayer specimens at
smaller h.
misfit dislocations without rearrangements. The last term
corresponds to the elastic interface stress which will facili-
tate the yielding of multilayers under compression, while f

is usually in the range of 2–3 J m�2. With all the consider-
ations mentioned above, we use a = 0.6, f = 3 J m�2 and
k = 9 nm. The strength based on the refined CLS model
is calculated and presented in Fig. 11 for small h. We see
that the refined CLS model provides a good estimate for
2.5 6 h 6 20 nm.

Now a few final words about the physical significance of
the SRS and activation volumes of the Mg/Ti multilayer
specimens. Though not much can be inferred from the
experimental results (Fig. 10 and Table 2) regarding the
definitive effect of h on those two parameters, the order
of magnitude of the activation volumes suggests that some
local dislocation activities with small sampling volume
(�7b3) are responsible for the plastic deformation of the
films. This is consistent with the above discussion. It is also
seen from Table 2 that, particularly when h is relatively
large, there is a trend that the activation volume generally
increases with h. This is understandable as when h is large,
the sampling length of the dislocation activities should be
large accordingly.

4.2.2. Discrepancy between nanoindentation hardness and

microcompression strength
As we have noticed, the microcompression strength is

much higher than the strength measured by nanoindenta-
tion. The compression strength of the Mg/Ti multilayer with
the smallest h is�2.4 GPa. It should be a reasonable assump-
tion that the shear moduli of the multilayer specimens also
follow the rule of mixture. This leads to a shear modulus
of these multilayers in the amount of �30 GPa. In other
words, the h = 2.5 nm multilayer has nearly reached the the-
oretical or ideal strength of the constituent components
combined. This has also been reported in other multilayer
systems [85]. When h is larger, this discrepancy becomes less
significant. To reconcile the apparent discrepancy as well as
its trend, we need first to examine the plastic deformation
mechanisms of single-crystal titanium and magnesium.

First, the dominant slip system of single-crystal a-Ti is
the prismatic slip at relatively low temperatures such as
room temperature and below [93–96]. The prismatic slip
systems are h11�20if10�10g, with a Burgers vector of
1=3h11�20i. Other secondary slip systems have also been
identified such as the basal slip ðh11�20if0001gÞ and pyra-
midal slip ðh1 1�20if10�11gÞ, whose Burgers vectors are all
1=3h11�20i. Dislocations with this type of Burgers vector
are the so-called hai-type dislocations. Under certain
conditions, especially in a-Ti with impurities, ha + ci type
dislocations may operate, though the motion of these
requires a much higher stress level. In addition to these slip
modes, a-Ti also exhibits six twinning modes, three of
which operate under compression along the c-axis and
three under tension along the c-axis. The twinning planes
for the compression modes are f11�24g; f1 1�22g; f10�11g;
those for tension modes are f11�23g; f11�2 1g; f10�12g [97].
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As for pure single-crystal magnesium, the predominant
slip system is the basal slip. It has been found that the crit-
ical resolved shear stress (CRSS) for basal, prismatic and
pyramidal slips are 61.0, �50 and �44 MPa, respectively
[98] (and references therein). It has also been reported that
the CRSS for twinning in single-crystal Mg when loaded
along the c-axis is �90 MPa [99]. Therefore, unlike most
cubic metals where the predominant slip systems have
nearly the same level of CRSS values, the slip systems of
hcp metals can be classified into “hard” ones and “soft”
ones, and which one will operate depends on the crystal
orientation and the relative ease of the individual slip sys-
tems [100].

Our TEM and XRD characterizations have confirmed
that when h is very small, we have only observed epitaxial
growth between Mg and Ti, with Mg f00 02g//Ti f00 02g.
What is more, the c-axis of both the Ti and the Mg layers
are normal to the surface of the film. Under uniaxial com-
pression perpendicular to the specimen surface, this orien-
tation relationship translates to a vanishing Schmid factor
for the entire dominant and “easy” slip systems, for both Ti
and Mg. In other words, under uniaxial compression, both
the Mg and Ti crystals in the multilayer specimen with
small h have a “hard” orientation. Now we can see that
for the Mg/Ti multilayer specimens, compression should
result in a high strength simply due to “geometric”

hardening.
Under nanoindentation, the stress state within the spec-

imen is much more complicated. But naturally, one should
expect shear and tensile stress components within the layers
[101], which result in non-vanishing resolved shear stress
on those dominant and easy slip systems. This results in
the multilayer films behaving as if they were “softer” under
nanoindentation condition than under uniaxial compres-
sion along the c-axis of Ti and Mg.

When h is increased beyond a point, other orientation
relationships, such as OR.2 (Mg f0002g//Ti f01�10g and
Mg h11�20i//Ti h0001i), start to emerge. In this case, some
mechanically soft and easy orientations can exist within the
multilayer specimens, such as the prismatic planes of Ti,
rendering a decreased compressive strength. It should also
reduce the discrepancy between the nanoindentation-
derived strength and microcompression strength.

We should point out that this discrepancy between
indentation strength and compression strength, particu-
larly the underlying mechanism, only applies to hcp/hcp
multilayer systems. In cubic/cubic multilayer systems, it
has also been observed that the compressive strength is
higher. Atomistic simulations suggest that this is because
the interface is relatively weak under shear, which contrib-
utes to the impressive ductility of the yet extremely strong
multilayer films, since it allows dislocations to be deposited
at the interfaces. This is also used to explain the observa-
tion of shear bands under microcompression of certain
cubic/cubic multilayer systems [68,69,102].

Finally, the apparent flow softening in the microcom-
pression stress–strain curves may be understood by the
operation of relatively soft slip systems once the peak stress
is achieved as the crystals within the multilayers may
change their orientations. Further efforts, particularly
atomistic simulations or crystal plasticity modeling, may
be needed to validate this notion.

5. Summary and concluding remarks

In this work, we have presented the first comprehensive
investigation on an hcp/hcp multilayer system. The Mg/Ti
multilayers were deposited onto single-crystal silicon sub-
strates using magnetron sputtering at room temperature
with equal individual thickness of the Mg and Ti layers,
but the individual thickness h ranges from 2.5 to 200 nm.
Based on the experimental results and discussion, we have
reached the following conclusions.

When h is small, both XRD and TEM suggest a single
orientation relationship between Mg and Ti. This relation-
ship is Mg f0 002g//Ti f0 002g and Mg h01�10i//Ti
h01�10i (or Mg h2�1�1 0i//Ti h2�1�10i with in-plane rotation
of crystals). HRTEM also indicates an epitaxial relation-
ship between the Ti and Mg layers at small h. When h is
large, another orientation relationship emerges, which is
Mg f0002g//Ti f01�10g and Mg h2�1�10i//Ti h0001i.

Nanoindentation experiments on the Mg/Ti multilayers
show that at relatively large h, the hardness follows the
Hall–Petch relation. At relatively small h, the Hall–Petch
slope levels off. But a plateau has not been reached. The
maximum hardness is obtained at the smallest h. The trend
of the indentation derived strength of the multilayers can
be predicted quite well by the modified CLS model at small
h. The peak strength agrees well with theoretical predic-
tions based on interface barrier strength and image stress
evaluations.

Microcompression experiments of the multilayers yield
much higher strength than that derived based on nanoin-
dentation. For example, microcompression strength of
the specimen with the smallest h (2.5 nm) is nearly as high
as the theoretical strength, assuming that the shear modu-
lus of the multilayer follows the rule of mixture. The dis-
crepancy between the indentation strength and the
microcompression strength can be explained by the nearly
vanishing Schmid factors of all the fundamental slip sys-
tems of both Ti and Mg layers under uniaxial compression.
That is to say, particularly for the Mg/Ti multilayer speci-
mens with small h, the Mg and Ti layers have the hard ori-
entation with respect to the loading direction. Such
discrepancy starts to tone down when h is increased
because some geometrically soft orientations such as
OR.2 start to operate. This observation should be unique
for hcp/hcp systems due to their special lattice structures
and unique plasticity modes. The flow softening after yield-
ing under microcompression might be explained by the
activation of relatively easy slip systems due to rotation
of the crystals.

No shear bands have been observed in the microcom-
pression experiments. It appears that under uniaxial
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compression, plastic deformation proceeds from the top of
the pillars. Squeezing out of the Mg layers between the rel-
atively rigid Ti layers was observed.

While this is the first attempt to investigate the micro-
structure and mechanical properties of an hcp/hcp system,
some very interesting experimental results have been
obtained. It would be exciting to examine other hcp metals
in the context of hcp/hcp multilayers, such as Zn, Be, and
Zr, and so on.
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